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Association and Relaxation of Supra-Macromolecular Polymers. 
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Andrew J. Smith,d and Richard L. Thompsona  

This paper describes the structures created by assembling functionalised entangled polymers and the effect these have on 

the rheology of the material. A polybutadiene (PBd) linear polymer precursor of sufficient molecular weight to be entangled 

is used. This is end functionalised with the self-associating group 2-ureido-4pyrimidinone (UPy). Interestingly, despite the 

relatively high molecular weight of the precursor diluting the UPy concentration, the effect on the material’s properties is 

significant. To characterise the assembled microstructure we present linear rheology, extensional non-linear rheology and 

small angle X-ray scattering (SAXS). The linear rheology shows that the functionalised PBd assembles into large macro-

structures where the terminal relaxation time is up to seven orders of magnitude larger than the precursor. The non-linear 

rheology shows strain-hardening over a broad range of strain-rates. We then show by both SAXS and modelling of the 

extensional data that there must exist clusters of UPy associations and hence assembled polymers with branched 

architecture. By modelling the supra-molecular structure as an effective linear polymer, we show that this would be 

insufficient in predicting the strain-hardening behaviour at lower extension-rates. Therefore, in this flow regime the strain-

hardening is likely to be caused by branching. This is backed up by SAXS measurements which show that UPy clusters larger 

than pair-pair groups exist.  

1 Introduction 

 

Polymers functionalised with reversibly associative 

substituents, driven by non-covalent interactions, have gained 

much interest in recent years1–15 in a variety of materials science 

applications. These include reversible blending of immiscible 

polymers,16 self-healing,17–19 improved processability4,20,21 and 

smart adhesive surfaces.22–24 This is driven by the ability of such 

polymers to assemble into a number of well-defined 

morphologies with enhanced properties.  

The structure of the functional groups is key to the assembly 

of the polymers. Ionomers are polymers with ionic groups 

capable of forming physical networks through hydrogen 

bonding or ionic interactions when neutralized with counter 

ions, and have gained much interest in this area.25 Stadler and 

co-workers6,26 have investigated the rheological properties of 

such materials, polybutadienes (PBds) telechelically 

functionalised with carboxylic acid groups, which form a 

network structure when neutralised with metal cations. They 

found a number of interesting effects important to the 

processing and properties of the materials, including an 

extension of the terminal relaxation time by seven decades, and 

strain hardening under extension. The behaviour of these 

systems is however highly dependent on the nature of the 

counterion clusters dispersed within the polymer. 

Hydrogen bonding groups have been particularly well 

studied, with different functionalities such as nucleo bases and 

their analogues,15,23,24,27–29 diaminotriazine,27,28 

acrylamidopyridine,30 acrylic acid30 and carboxyethylacrylate30  

amongst others. Various studies have also looked at systems 

with two hydrogen bonding groups, where complementary 

interactions may be more favourable than self-complementary 

interactions.15,27,29 One functional group that has gained 

particular attention is 2-ureido-4-pyrimidinone (UPy) (Fig. 1). 

First used to functionalise polymers by Sijbesma and Meijer,31 

this motif is capable of forming four hydrogen bonds, and as 

such has a high dimerization constant (> 107 M-1 in 

chloroform32).  While the association of multiple hydrogen 

bonding moieties has been shown to be sensitive to 

environmental conditions and decreases with increasing 

humidity33, it is accepted that these groups are strongly 

associating unless there are competing hydrogen bonding 

species present. The strength of hydrogen bonding has been 

shown to be hugely important to the rheological properties of 

the functionalised polymer,11,30,34 as well as the temperature for 

dissociation of the H-bonding group and therefore material 

processing.34 Well defined fibre morphologies driven by 

stacking of UPy dimers have been seen for polymers with 

additional urea or urethane linkers built into the telechelic 
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functionality.2,3 Botterhuis et al., have shown that such phase 

separation can also be driven by UPy groups without such 

additional functionalities if the incompatibility of the UPy group 

with the polymer is high enough.14 It was also shown that the 

length of the polymer chain is important in determining the 

morphology of the phase separated structure, while Appel et al. 

have used different substituents on the UPy group to control 

nanofibre formation and crystallisation rates.2 

Here we study the effect of UPy groups on the rheological 

behaviour of telechelically functionalised, entangled PBds (Fig. 

1). While much work has been done studying the self-assembly 

of these materials in polymers below their entanglement 

molecular weight, Me, less has been done on systems above Me.  

The significance of entanglement on rheology is not trivial to 

predict.  Jangizehi et al. have very recently reported that the 

presence of UPy groups on functionalised polymers has 

significantly less impact on diffusion than molecular weight.10  

On this basis, it might be expected that the impact on rheology 

is quite small.  However, Ishiwari et al. have shown that some 

functional groups can cause significant structural organisation, 

even in relatively large polymers.9  Our UPy end-functionalised 

polymers are expected to assemble end to end via hydrogen 

bonding of the UPy groups. The prospect of assembling polymer 

chains with a much higher effective Mw is desirable for multiple 

applications. Polymers with extremely high molecular weights 

are problematic to process because of their long relaxation 

times, often of order 103 s. To avoid this problem it would be 

desirable to synthesise a polymer which can assemble into a 

chain with the enhanced properties of a relatively high 

molecular weight at ambient temperatures, but which falls 

apart at processing temperatures. We characterise the effect of 

the UPy groups on the rheological properties of the polymers. 

This includes linear oscillatory rheology, and non-linear 

extensional rheology. We find that the UPy groups have a 

remarkable effect on both the linear relaxation of the PBds, and 

on their non-linear extensional properties. Supported by 

small-angle X-ray scattering results, we are able to develop a 

constitutive model to characterise the architecture of the self-

assembled structure formed by these polymers from the 

rheological behaviour.  In addition, we investigate the 

importance of chain microstructure and molecular weight to 

the assembly and properties of the PBds.  

2 Materials and Methods 

2.1 Synthesis of telechelic amine functionalized PBd 

 

5 L of methylcyclohexane was introduced into a reactor (10 L)  

and mixed with 335 g of butadiene. The mixture was warmed to 

50 °C and then 20 mmol of 4-lithium-N,N-

bis(trimethylsilyl)aniline in solution in methylcyclohexane 

(200 mL) was added in order to initiate the polymerization of 

butadiene. When monomer conversion reached 100%, the 

living polybutadienyl chains were coupled with 

dimethyldichlorosilane (0.45 equivalents per Li) at 50 °C for 

15 min. An antioxidant was added to the polymer solution and 

then the polymer treated with hydrochloric acid at 37 wt. % (2 

equivalents per Li) in 5 L of water for 96 h at 90 °C to generate 

the primary amine. The polymer solution was then washed with 

demineralized water until the pH was equal to 7. The solvent 

was then removed under reduced pressure in an oven at 60 °C. 

 

2.2 Synthesis of telechelic UPy functionalized PBd 

Fig. 1  (a) Sketch of UPy functionalised telechelic PBd, (b) Assembly into dimer via four hydrogen bonds. 
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11.2 g of telechelic amine functionalized PBd was solubilized in 

150 mL of dichloromethane and mixed with 552 mg of UPy  

(Fig. 2, 56 mmol, 205 g mol-1). After 48 h at 40 °C, 97% molar of 

primary amine had reacted with UPy. The solvent was then 

removed under reduced pressure in an oven at 60 °C. The 

reaction between the telechelic amine functionalized PBd and 

UPy was followed by NMR 1H. Table 1 summarises the 

molecular weight and microstructural data of the six polymers 

used in this study.  Polymer Mw was determined by size 

exclusion chromatography (SEC), using a Viscotek TDA 302 

instrument. Tetrahydrofuran was used as the eluent at a flow 

rate of 1 mL min-1, and the Mw calibrated with PBd standards 

(see supporting information Fig. S1).   

 

The glass transition temperature (Tg) of the polymers was 

determined by differential scanning calorimetry (DSC), using a 

TA instruments Q1000. Samples were subjected to a heating 

and cooling cycle at a rate of 10 °C min-1 from -90 – 180 °C. The 

Tg was taken as the inflection point of the heat flow curve, 

analysed using the TA Universal Analysis software (see 

supporting information Fig. S2).  

 

2.3 Sample pressing 

Samples were pressed for rheometry or small angle X-ray 

scattering at a temperature of 25 °C for 30 mins and a force of 

6 tons. This pressing time exceeds the terminal relaxation time 

of 1450 s for UPy1 at 25 °C.  

 

2.4 Rheometry 

Linear torsional rheometry was conducted on a TA instruments 

AR 2000 rheometer equipped with either a Peltier plate or 

environmental testing chamber with nitrogen gas inlet. Parallel 

plate geometries were used with either 25 mm or 8 mm 

diameter dependent on the polymer sample being studied. 

Strain sweeps were conducted prior to frequency 

measurements to ensure tests were conducted within the linear 

viscoelastic region. Frequency measurements were then 

conducted at a strain of 1% between 0.1-100 Hz. Extensional 

rheology was conducted using the Sentmanat Extensional 

Rheometer 2 add-on. Samples of width 10 mm and thickness  

0.5 mm were pressed and tested at a variety of extension rates, 

at 25 °C.  

  

2.5 Small angle X-ray Scattering (SAXS)  

SAXS experiments were conducted on beamline I22 at Diamond 

Light Source.  Samples of UPy1, 2 and 3, and Am1 and 3 were 

mounted in a Linkam DSC hot stage, in pans with mica windows. 

Measurements were conducted in the q range 0.0074-

0.4894 Å-1 using a beam energy of 12.4 keV and a sample 

detector distance of 3.2619 m. Each dataset was corrected for 

transmission, the empty beam and background scattering, and 

placed on an absolute scale using the scattering from a glassy 

carbon standard. The data were fitted as described in the results 

and discussion using SasView.35  Complementary SAXS 

measurements were carried out on Am2 in-house at Michelin, 

Clermont Ferrand, and corrected for transmission, the empty 

beam and background scattering, and placed on an absolute 

scale using a glassy carbon standard. 

3 Results and Discussion 

Rheological master curves of the polymers were produced by 

measuring the frequency dependent behaviour at a range of 

temperatures. In the first instance, data were then shifted using 

Reptate36 according to the time temperature superposition 

(TTS) theory of Williams-Landel-Ferry37 (WLF). Initially Reptate 

reference values for PBd were used, before fitting these values 

to the functionalised polymer rheology. Several key differences 

can be seen when comparing the rheological properties of UPy1 

and Am1 (Fig. 3a), which differ only in their end-functional 

groups. UPy1 displays a huge extension of the terminal 

relaxation crossover time compared to that of Am1. For Am1 

this corresponds to a frequency of ~8560 rad s-1 and hence a 

time of 1.2×10-4 s with the reference temperature fixed as 

25 °C. For UPy1 the terminal relaxation time is 1450 s 

extending the crossover time by seven orders of magnitude 

compared to that of Am1. This is similar to that observed for 

carboxylated PBds neutralised with cations.38 In addition to this 

huge increase in the terminal relaxation time of the polymer, it 

is also apparent from Fig. 3(a) that there is also an increase in 

the plateau modulus, , of UPy1 compared to Am1. The 

plateau modulus is a function of the polymer entanglement 

density39 and such an increase shows an increase in the number 

of cross-links within the system – perhaps through clustering of 

the telechelic groups, as shown for other rubbery telechelic 

polymers,6,40 or an increase in the entanglement density of the 

polymer. Given the increase in the plateau modulus, this shows 

that on the measured time scale the association of the UPy 

0

NG
Polymer 

Mw  

/ Da 

Mn  

/ Da 

Telechelic 

group 

Tg  

/ °C 
1,4 % 

UPy1 27,800 21,000 UPy -39.6 35 

Am1 27,200 20,300 NH2 -40.2 35 

UPy2 32,900 27,800 UPy -79.9 76 

Am2 28,200 25,300 NH2 -81.9 76 

UPy3 193,200 132,600 UPy -76.1 79 

Am3 84,600 70,300 NH2 -76.3 78 

Table 1  Summary of molecular weight and microstructural data for functional polymers 

and their counterparts. 

 

Fig. 2 UPy (1H-Imidazole-1-carboxamide, N-(1,6-dihydro-4-methyl-6-oxo-2-

pyrimidinyl)-).
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groups behave like permanent bonds, increasing the plateau 

modulus, as discussed in the work of Gold et al.41  

 As well as an increase in , a shoulder in G′′ within the 

rubbery plateau of UPy1 is also apparent, at a frequency of 

~100 s-1, corresponding to a time scale of 0.01 s. This is absent 

from the rheological data of Am1, and indeed that for standard 

linear PBds. Such a shoulder has also been observed in other 

telechelic systems,6,8 and is indicative of the association lifetime 

of the interactions of the UPy group, and the time required to 

find a new binding partner.41 This relaxation can also be 

observed in the van Gurp-Palmen plot (Fig. 3a) as a small peak 

as the phase angle approaches its minimum.  A breakdown in 

the TTS shift of UPy1 can be seen at the terminal relaxation time 

of the network, indicated by a distinct ‘fanning’ of this network 

relaxation (Fig. 3a, inset). This shows a thermorheological 

complexity caused by dissociation of the UPy groups. Fanning is 

also observed within the rubbery plateau, towards the 

minimum in Gʺ, and is consistent with other self-associating 

systems.6,40 This fanning is also apparent in the van Gurp- 

 

 

 

 

 

Palmen plot (Fig. 3b), both in the terminal region (low moduli, 

high phase angle), and plateau region (towards the minimum in 

the phase angle).  Note that the peak in G″ at the terminal cross-

over, which appears at higher temperatures (Fig. 3a, inset), has 

a different characteristic shape to the corresponding lower 

temperature data. This implies the source of fanning in the TTS 

could not be accounted for by any temperature or frequency 

shift, this includes modified TTS models such as by Zhang et al.42 

Despite this the shift gives a good representation of the 

rheological behaviour of UPy1, which is of the same order as the 

terminal relaxation time inferred from a single temperature 

creep recovery experiment (see supporting information Fig. S3).  

 The terminal behaviour of UPy1 shows a power law scaling 

of 1.5 and 0.9 for Gʹ and Gʺ respectively, rather than the 

expected exponents of 2 and 1. This shallowing in gradient 

would normally be associated with polydispersity in 

unfunctionalised polymers, but here it is possible that a range 

in effective molecular weight distribution arising from 

association is responsible.43 For poly(N-isopropy- lacrylamide) 

gels, functionalized along the polymer chain to form cross-links, 

Seiffert44 showed that the presence of sticky groups can 

decrease the gradient of Gʹ and Gʺ in the terminal region even 

more in polydisperse polymers. However, in our case we also 

see that Am1 has power law scaling of 1.4 and 0.9, so this 

shallowing appears to be an effect of the polydispersity in the 

polymers, rather than a consequence of the presence of the UPy 

groups. 

At the crossover, the system changes from an entangled 

rubber, to a liquid, and for a conventional polymer the time 

scale at which this occurs is determined by the number of 

physical cross-links in the system, i.e. entanglement density. 

This in turn is related to the aggregation of the UPy groups on  

the polymer.  

To understand further how the addition of the UPy group 

has changed the rheology of the polymer we can make a simple 

comparison by asking what Mw of PBd would be expected to 

result in a reptation time, τD, that corresponds to that of the 

cross-over time observed for UPy1? We can do this using linear 

theory, where τD can be related to the Rouse time of one 

entanglement segment, τe, by the relation: 39 

                                                                                                                                                                                                                                                                                                                                                        

                   

                          (1) 

 

 

where: 

 

 

                     (2) 

 

0

NG

𝜏𝑒  1.83 s 

𝐺𝑁
0  1.15 MPa 

Me 1990 Da 

Fig. 3 (a) Rheology master curves for UPy1 () and Am1 () shifted using WLF 

theory. G′ solid symbols, G″ open symbols. Colour scale corresponds to the 

temperature of measurement, in degrees celcius. Maxwell mode fit shown with 

black lines. Inset highlights fanning of the TTS of UPy1 at the terminal region. 

T0=25 °C. (b) van Gurp-Palmen plot of UPy1.
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and C1, C2 and C3 are constants with values 1.69, 4.17 and -1.55 

respectively. 39 The Rouse time, τR, of a linear polymer is related 

to the number of entanglements (Z) by: 39 

 

                           (3) 

 

Hence an increase in the molecular weight of the polymer chain 

results in an increase in the number of entanglements in the 

system, and the reptation time. Such an increase, as observed 

here for UPy1 when compared to that of Am1, shows that UPy1 

behaves as a polymer with a much higher Mw. 

To estimate the effective Mw of a PBd which has a reptation 

time that can be compared with the terminal relxation of UPy1 

it is necessary to determine τe. As UPy1 and Am1 share the same 

polymer chain and only differ in the end groups, τe should be the 

same for both polymers. τe can be determined for Am1 using the 

theory of polydisperse double reptation39,45–48 in the RepTate 

program.36 The theory accounts for polydispersity effects on the 

viscoelastic behaviour of the polymer, as determined from the 

molecular weight distribution found by SEC. From this the 

material parameters τe, Me and can be determined and are 

shown in Table 2. The calculated values for Me and are 

within the reported range of values for polybutadienes in the 

literature.49 Taking the value of τe to be 2.9×10-7 s, the Mw can 

be estimated using equations 4 and 5 to be of the order 

2,400,000. This is 86 times the Mw of UPy1. If UPy1 were to 

assemble linearly end to end to this extent, that would suggest  

~99% of UPy groups have associated. 

The evolution in behaviour of all six polymers can be seen in 

Fig. 4, which shows the change in the tangent of the phase 

angle, δ, as a function of temperature at a frequency of 1 Hz. 

When tan δ increases above one, G′′ > G′ and the material 

crosses into the terminal regime. This occurs at the lowest 

temperature for Am2, at ~-37 °C. Although Am1 has a slightly 

lower molecular weight than that of Am2, it has higher vinyl 

content, and therefore a raised Tg. For this reason the crossover 

temperature is raised to ~-5 °C. For Am3, this transition rises to 

~35 °C, a consequence of the increased Mw of the polymer and 

an increased number of entanglements in the system. For UPy1, 

2 and 3 the cross-over occurs at temperatures of 91, 80 and 

96 °C respectively. In each case the cross-over temperature is 

raised beyond that of its NH2 functionalised counterpart, with 

the biggest difference observed between that of UPy2 and Am2. 

The increase in crossover temperature cannot be explained by 

an increase in the Tg of the UPy functionalised polymers 

compared to their NH2 functionalised counterparts, as no 

significant change is detected by DSC (Table 1). It should be 

noted that the Mw of UPy3 measured by SEC is much greater 

than that of Am3 (Table 1), but this suggests that the highest 

Mw UPy polymer has dimerized in the SEC solvent. The UPy 

polymer is synthesized from the amine functionalised 

pre-cursor polymer, and the Mw is approximately double that of 

Am3. The similarities in temperature for the flow point between 

UPy1, UPy2 and UPy3, despite the large changes in vinyl content 

and Mw between the three polymers, indicate that this 

temperature is linked to the association of the UPy groups on 

the polymer. Yamauchi et al. have previously shown using 

rheometry that for short chain, telechelic polyisoprene 

functionalised with UPy that dissociation occurs at 80 °C in the 

polymer melt.4  

The rheological behaviour of polymers under extension can 

also be highly instructive about the structure of a sample. Under 

extension strain hardening describes the situation when the 

extensional viscosity rises above that of the linear slow-flow 

prediction. Typically this occurs for branched and not linear or 

star polymers. The extensional viscosity of UPy1 was measured 

across a range of extension rates. It was not possible to measure 

the extensional properties of UPy2 and UPy3 due to break up of 

the sample on the extensional rheometer attachment. As this 

was not a problem with UPy1 it is probable that this was a 

consequence of the difference in chain microstructure between 

UPy1 and UPy2 and 3, rather than because of the presence of 

the UPy groups.  To determine the predicted linear extensional 

viscosity of UPy1, TTS data were fitted at a temperature of 25 °C 

in RepTate36 using twelve Maxwell modes, equally spaced on a 

logarithmic axis, to model the linear viscoelastic spectrum.  This 

was then used to model the envelope for the linear extensional 

viscosity of the polymer as a function of time, at a temperature 

of 25 °C, where this is given by the Trouton relation in the limit 

of slow extension and shear rates:50 

 

                                               (4) 

 

where ηE is the extensional viscosity, η is the shear viscosity, and 

�̇� and �̇� are the extensional and shear strain rates respectively.  

This prediction is shown in Fig. 5(a) as the grey symbols. Strain 

hardening is measured as a deviation from this behaviour and is 

only possible in linear polymers if the extension rate ε̇ > τ𝑅
−1 

which is the requirement for chain stretching. This can be 

determined by use of the Weissenberg number, Wi:  

        (5) 
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Fig. 4  Evolution of tan δ as a function of temperature for UPy1 ( ), 2 ( ) and 

3 ( ), and Am1 ( ), 2 ( ) and 3 ( ), at a frequency of 1 Hz. The low 
temperature rise in tan delta, particularly for UPy1 and Am1 is a consequence 
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When Wi ≥ 1, strain hardening occurs. If we model the 

supramolecular structure of UPy1 as an effective ‘linear’ 

polymer we can predict a rate at which we might expect strain 

hardening under extension to be observed. Using equation 3 for 

𝜏𝑅, it can be calculated that strain hardening would be expected 

for a ‘linear’ polymer at extension rates of 2.3 s-1 and above at 

25 °C. Fig. 5(a) shows the extensional behaviour of UPy1 at rates 

from 0.01 to 30 s-1. The extensional viscosity of UPy1 initially 

closely matches that of the prediction given by fitting Maxwell 

modes to the linear viscoelastic spectrum. However, at all 

extension rates studied the extensional viscosity then rises 

above this prediction, showing that the material strain-hardens 

under extension. Given the expectation that strain-hardening 

would be observed at extension rates ≥ 2.3 s-1 for a linear 

polymer, the strain hardening observed at lower extension 

rates shows that it is insufficient to account for this strain 

hardening behaviour by modelling UPy1 as a linearly assemled 

polymer. Strain hardening has also been observed in other self-

associating polymer systems.51,52 

In Fig. 5(b) the peak stress in UPy1 before sample fracture is 

plotted as a function of the extension rate. It can be seen that 

the stress at break increases as a function of extension rate, up 

until 𝜀̇ = 3 s-1, where the stress plateaus to a value of ~4107 Pa. 

Interestingly, this coincides closely with the predicted rate at 

which we expect linear chain stretch to be observed, resulting 

in strain hardening from the linear chains. The plateau in stress 

above this rate suggests that the pair-pair assembly of UPy 

groups is being pulled apart at this stress, resulting in a brittle 

fracture of the sample. Similar observations were made in the 

work of Shabbir et al.,53 studying brittle fracture in associative 

ionomers. In contrast to our work however, strain hardening 

was not observed in this regime. The differences in behaviour 

to our system seem to be a result of the different network 

structure and the nature of the strain hardening – where the 

telechelic ionomer chains bridge between clusters of counter 

ions. In our system the polymer assembles into much longer 

chains  via the UPy groups. At strain rates ≤ 1 s-1, where strain 

hardening was not expected through linear chain stretch, the 

stress at break is lower, but increases as a function of the strain 

rate. This suggests a different source for the fracturing of the 

polymer, such as defects brought about by thermal density 

fluctuations.53 We also anticipate a further assembly of UPy 

groups, in addition to the linear pair-pair association, 

accounting for the strain hardening at these lower rates. Appel 

et al.2 have shown that UPy groups are capable of further 

assembly, where an additional stacking interaction is seen 

between the cytosine alkene proton and a neighbouring dimer’s 

pyrimidinone carbonyl group. This interaction would lead to a 

branched structure in the polymer chain and could explain the 

strain hardening behaviour at rates of 1 s-1 and less.  Goldansaz 

et al.52 have also proposed further clustering of supramolecular 

functional groups, beyond dimerization. This is driven by large 

polarity differences between the polymer chain and the 

functional groups, leading to a reduction in surface tension. 

Such weaker interactions, in comparison to the four hydrogen 

bonding association of pair-pair UPy assembly, explain the 

lower extensional stress at break if the linear polymer chain 

stretch had not been activated at these slower rates, while 

branched structures do strain harden. Because the UPy groups 

in our materials are connected to a bulky polymer chain, having 

a radius of gyration, Rg, that is far larger than the the UPy group 

these associations would be limited by chain stretching.  This 

entropic penalty is rarely offset by the enthalpic gain from end-

group association.9  The stacked UPy aggregates reported for 

smaller functional molecules support the idea that some 

association to form branch points is likely but we note that large  

(e.g. >2 Upy dimers) aggregates are not required to contribute 

to strain hardening.   

To determine whether or not our materials are capable of 

further stacking, small angle X-ray scattering measurements 

were undertaken at a synchrotron radiation source. The 

brilliance of the beam enables great sensitivity to structure 

within the sample, even though the scattering contrast 

between the UPy groups and the rest of the polymer chain is 
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low. Fig. 6(a) shows the scattering intensity of the polymers as 

a function of the scattering vector, q. At low q values in the 

region of q < 0.04 Å-1, a sharp increase in the scattering is 

observed for all polymer samples. The scattering can be fitted 

with a power law dependence of q-3.4 – -3.9, indicating scattering 

from a surface fractal with self-similar roughness. Such 

scattering is unexpected from these materials, and is present in 

both the UPy functionalised polymers and their non-

functionalised counterparts. This suggests therefore that the 

scattering is not caused by the presence of the UPy groups. It is 

likely the result of polydisperse air bubbles / voids trapped 

within the sample, creating electron density contrast with the 

polymer environment.29 At higher q values the scattering from 

these bubbles is greatly reduced, allowing other scattering 

objects to be observed. For UPy1 and UPy2 a clear shoulder to 

the scattering is apparent. Given the low concentration of UPy 

groups within the polymer melt, relative to the polymer chain 

length, this scattering is likely to be caused by the contrast of 

the UPy groups relative to the polymer chain. Am1, Am2 and 

Am3, which do not possess the UPy groups, show no such 

scattering in this region. UPy3 also has the UPy groups, but at 

a lower concentration than UPy1 and UPy2. No such shoulder 

is observed in the scattering of UPy3. It has been shown that 

UPy1, 2 and 3 all assemble via their UPy groups, as 

demonstrated by the change in rheology of these polymers 

(Fig. 4). Therefore, it would be expected that if the shoulder 

in the scattering pattern observed for UPy1 and 2 were 

caused by a pair-pair assembly of the UPy groups the shoulder 

would also be present in UPy3, albeit at a lower intensity 

caused by the lower concentration of UPy groups in this 

polymer. Therefore the shoulder present in the scattering of 

UPy1 and UPy2 must be from a secondary assembly of the 

UPy groups in the polymer, driven by the higher 

concentration compared to that of UPy3. The shoulder can be 

fitted with a sphere model, and so the scattering curves were 

fitted using a combined sphere power law model across the q 

range studied, where the scattering intensity, I, is given by:   

 

 

+bkg      (6) 

 

 

where s1 and s2 are scaling factors,  V is the volume of the 

scattering UPy spheres, r is the radius of the scattering UPy 

spheres, ∆ρ is the difference in the scattering length density 

of the UPy groups and the PBd chains, n is the power law 

exponent, and bkg is the background scattering. For UPy1 and 

UPy2, sphere radii of 12.8 and 13.5 Å were found respectively. 

To test whether dissociation of the UPy groups is observed at 

temperatures in the region of 80-100 °C, the scattering was 

also measured as a function of temperature, Fig. 6(b). The 

sphere power law fits for UPy1 across the full temperature 

range are also shown. The data has been staggered for clarity, 
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Table 3  Fitting parameters for UPy1 and UPy2 as a function of 
temperature 

 UPy1 UPy2 

T / °C r / Å s1 n r / Å s1 n 

10 12.9 44.6 3.7 13.3 36.9 3.9 

20 12.8 42.9 3.7 13.5 36.8 3.9 

30 12.7 41.7 3.7 13.7 36.8 3.9 

40 12.6 41.2 3.7 - - - 

50 12.6 39.8 3.7 14.5 35.8 3.9 

60 12.6 38.3 3.7 14.9 34.5 3.9 

70 12.7 36.7 3.7 14.5 35.8 3.9 

80 12.9 35.9 3.7 15.9 32.3 3.8 

90 13.3 34.1 3.7 16.3 31.6 3.8 

100 13.6 34.2 3.7 16.7 29.8 3.7 

110 14.3 33.3 3.7 17.0 27.4 3.8 

120 15.0 33.5 3.7 17.3 25.9 3.8 

130 15.9 33.7 3.7 17.6 24.0 3.7 

140 17.1 33.8 3.6 17.0 27.4 3.8 

 

 
   

 
2

1
23

3 ( )(sin )
 

( )

nV qr qrcos qrs
I q s q

V qr

   
  

 



ARTICLE Journal Name 

8 | J. Name., 2012, 00, 1-3 This journal is © The Royal Society of Chemistry 20xx 

Please do not adjust margins 

Please do not adjust margins 

but clearly shows that the intensity of the shoulder observed for 

UPy1 reduces as the temperature is increased. The scale factor 

for the sphere also reduces with temperature. In addition, the 

radius of the sphere is seen to increase from 12.9 to 17.1 Å 

between 10 and 140 °C respectively. These results indicate that 

the concentration of the scattering objects is reducing, and that 

clusters of the UPy groups are breaking apart at the higher 

temperatures. Similar observations can be made for UPy2, as 

shown in Table 3. 

The SAXS results show that while the NH2 functional 

polymers do not form clusters, those with the UPy groups are 

capable of assembling into clusters through further association 

beyond that of pair-pair (at high enough concentrations). This 

could therefore lead to branch points in the architecture of the 

polymer, which give a characteristic strain hardening signal 

under extension, as has been observed for our materials.  

  

3.1 Constitutive Modelling  

Using constitutive models of polymer melts to characterise the 

extensional rheology, we show that strain-hardening exists in a 

broader regime than would be expected for linear polymers, i.e. 

strain-hardening occurs at lower strain-rates than would be 

expected for linear chains. Furthermore, by characterising the 

materials with models that reflect the microstructure of the 

material we also elicit information on this underlying topology. 

This modelling could then be used in combination with CFD to 

explore the material response in complex geometries such as 

those found in industrial processing. To model the rheology of 

these systems we use the concept of tube dynamics54 for 

entangled polymers. Here any given polymer chain is confined 

to a tube of topological constraints made from the 

entanglement interactions with the surrounding chains. A 

polymer will relax from its tube via curvilinear diffusion along 

the contour of the tube in a process known as reptation. Much 

work on the dynamics of associative polymer systems has 

focused on the concepts developed in the works of Stadler, 

Leibler, Rubinstein and colleagues7,8,13,55 of sticky reptation and 

sticky Rouse dynamics. The dynamics of the chain are modified 

by the associating groups which can break and reform.  While 

sticky Rouse models are used for unentangled systems, sticky 

reptation is used for entangled polymers, where the polymer 

chain must reptate along its confining tube of entanglements. 

Indeed, further various works56–59 have looked at modelling the 

rheology of various supramolecular polymer systems using 

microscale arguments for their derivation. Recently van 

Ruymbeke et al. have developed their time-marching algorithm 

model for the prediction of linear viscoelasticity60 to 

supramolecular chains with sticky groups40,61–63 and found good 

agreement with the linear viscoelastic features of a range of 

self-associating polymer architectures. Less frequently 

investigated is non-linear extensional rheology. Another recent 

paper11 looked at extensional rheology of a UPy system finding 

the Upper Convected Maxwell model fits the measurements 

well. This system consisted of unentangled chains, whereas for 

the work presented here we use models derived from 

entanglement physics. 

Given that UPy1 is capable of assembling into small clusters, 

as shown in the SAXS data of Fig. 6, it is likely that our system 

contains a mixture of both linearly associated and branched 

chains. Such a mixture has also been proposed in other self-

associating polymer systems.46 Therefore we have developed a 

model for UPy1’s strain hardening behaviour under extension, 

to characterise such a mixture. To model our telechelic system, 

consisting of a polydisperse mixture of chain lengths and 

including branched architectures we use a combination of two 

constitutive models based on tube theory: (i) the Pom-pom 

model to capture the rheology of branching in the system and 

(ii) the Rolie-Poly model to capture the rheology of linearly 

entangled polymer chains. The two models are summarised 

below. We can apply the model to the non-linear extensional 

rheology of UPy1 and use this to characterise the architecture 

of the assembled structures. 

 

The Pom-pom model64–66 considers an ideal branched molecule 

consisting of a backbone connected with an equal number of 𝑞 

arms at each end (branch point). The model considers two 

fundamental timescales, namely a backbone stretch relaxation 

time and a backbone reptation time. Relaxation of the 

entangled arms is considered fast relative to the stretch and 

reptation time and is treated as background solvent. The stress 

tensor for the Pom-pom model is given as,  

 

𝛔 = 3𝐺𝜆2𝐒 

 

where S is the orientation tensor, 𝜆 is the backbone stretch (the 

length of the backbone normalised by its equilibrium value) and 

G is the modulus. The orientation tensor is calculated from an 

auxiliary tensor A, 

𝐒 =  
𝐀

𝑡𝑟(𝐀)
, 

where A is given by the Upper Convected Maxwell model with 

reptation time τb, 

𝜕𝐀

𝜕𝑡
= 𝐊. 𝐀 + 𝐀. 𝐊𝑇 − 

1

𝜏𝑏

(𝐀 − 𝐈). 
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The backbone stretch evolves as, 

𝜕𝜆

𝜕𝑡
=  𝜆𝐊: 𝐒 − 

1

𝜏𝑆

(𝜆 − 1)𝑒𝜈∗(𝜆−1), for 𝜆 ≤ 𝑞, 

where τs is the stretch relaxation time and ν* is the strength of 

branch-point withdrawal and is given by 𝜈∗  =  2 (𝑞 − 1)⁄ . The 

backbone stretch is entropically limited by the amount of 

tension each arm can maintain before the branch-point is 

drawn inside the backbone tube and therefore the stretch is 

limited to 𝜆 ≤ 𝑞.  

 

The Rouse Linearly Entangled Polymer (Rolie-Poly) 

model67,68 considers the dynamics of entangled linear chains. 

The model is a coarse-grained approximation of the GLaMM67 

model that considers the relaxation processes of convective 

constraint release, contour length fluctuations and reptation. 

The dynamic equation for the Rolie-Poly extra stress is given by, 

 

𝜕𝛔

𝜕𝑡
= 𝐊. 𝛔 +  𝛔. 𝐊𝑇 −  

1

𝜏𝑑

(𝛔 − 𝐈)

− 
2

𝜏𝑆
(1 − √

3

𝑇
) [𝛔 +  𝛽 (

𝑇

3
)

𝛿

(𝛔 − 𝐈)], 

where τd is the reptation time, τs is the chain retraction time,  

and d are parameters describing the convective constrain 

release (CCR) rate and T is the trace of the stress.  

In the limit of relatively fast τs the model reduces to the non-

stretching limit68 given by, 

𝜕𝛔

𝜕𝑡
= 𝐊. 𝛔 +  𝛔. 𝐊𝑇 − 

1

𝜏𝑑

(𝛔 − 𝐈) − 
2

3
𝐊: 𝛔[𝛔 +  𝛽(𝛔 − 𝐈)]. 

 

3.2 Multimode Modelling 

To capture both the transient and steady state rheological 

response of a material, multimode modelling is needed.69–71 It 

has been shown the multimode modelling is needed to model 

monodisperse materials [e.g.72] and polydisperse materials 

[e.g.70,73,74].  

The stress is modelled as a sum of modes, 

𝜎 =  ∑ 𝐺𝑖𝜎𝑖

𝑁

𝑖=1
 

where each mode has a modulus and reptation time (Gi, τdi) and 

non-linear parameters, τs and q (Pom-pom). 

To fit the rheology of the telechelic system we use a 

combination of the Pom-pom and Rolie-Poly models to capture 

the presence of both entangled and linear chains (fitting was 

performed using RepTate software36). The modulus and 

reptation time were initially fitted to the linear rheology shown 

in Fig. 5 (a), where the fastest mode was set to the reptation 

time of one sub chain and the longer relaxation times were 

distributed evenly on a logarithmic scale. The non-linear 

parameters were fitted to extensional rheology; the slowest 

two modes are attributed to branched molecules and fitted 
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Fig. 7  Extensional viscosity of UPy1 at 25 °C ((a) and (b)) and 80 °C (c), and 

multi-mode modelling, at strain rates of: 30 (♦), 10 (♦), 3 (♦), 1 (♦), 0.3 (♦), 
0.1 (♦), 0.03(♦) and 0.01 (♦) s-1. Symbols show experimental data, lines the 
fits. Linear prediction of viscosity (♦).  (a) The model was initially fitted using 

stretch Rolie-Polie modes around the relaxation times measured from linear 
oscillatory rheology; (b) Following the initial fit Pom-pom modes were 
activated for the slowest modes, allowing us to model the strain hardening 

behaviour across all extension rates; (c) The extensional viscosity of UPy1 was 
also measured at 80 °C. The model fits at 25 °C in (b) were then shifted using 

the TTS parameters to 80°C in (c). 
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using the Pom-pom model, the next three modes, fitted with 

the stretch Rolie-Poly model, were attributed to linear 

molecules of sufficient length to be stretched by the faster 

strain-rates, and the faster modes were assumed to orientate 

only and were fitted using the non-stretch Rolie-Poly model (see 

supporting information). The contribution of each mode 

towards the total complex viscosity at some given timescale and 

the viscosity averaged relaxation time were considered.75 The 

viscosity averaged relaxation time indicates a more “real world” 

relaxation time that allows for the fact that some of the larger 

molecular weight species take longer than d to relax. At 25 °C 

this time is 3440 s, which is longer than d at 1450 s. The 

viscosity weighting of the branched modes was also considered. 

The two modes associated with branching contribute around 

50% towards the LVE at long times, with the other 50% 

associated with linear Rolie-Poly modes. Although the inference 

of the precise number of branch-points is not possible at this 

level of analysis, the modelling does suggest that large 

hierarchical structures are present, which is expected for this 

class of material. 

Fig. 7 (a) and (b) show a comparison of the multimode 

viscosity predictions and the experimental measurements, at 

25 °C. In Fig. 7 (a) only the Rolie-Poly modes were activated, and 

it can be seen that these describe the strain hardening 

behaviour of UPy1 reasonably well at extension rates of 30, 10 

and 3 s-1. The initial upturn of the extensional viscosity is slightly 

below that of the experimental data, however. Below these 

rates the Rolie-Poly prediction is strain softening, where the 

stretch times of the polymer are too fast to lead to strain 

hardening. This also matches our prediction that the linearly 

assembled polymer chains would strain harden at rates above ≥ 

2.3 s-1 but not below. To describe the strain hardening 

behaviour at these slower rates therefore it is necessary to 

activate Pom-pom modes as the slowest three modes as 

described above. By activating these modes we are now able to 

get good fits for all extension rates studied, as shown in Fig. 

7(b). In Fig. 7 (c) the extensional data of UPy1 at 80 °C is shown. 

At extension rates of 30 and 10 s-1 the extensional viscosity of 

UPy1 rises above that of the linear viscoelastic prediction, 

showing strain hardening even at this raised temperature. At 

extension rates below this however the measured extensional 

viscosity closely matches that of the linear viscoelastic 

prediction, with no strain hardening. The extensional viscosity 

of the polymer plateaus as the time scale of the experiment 

goes beyond that of its reptation time.  The multi-mode 

modelling of the extensional data at 25 °C has been shifted 

using the TTS parameters of the polymer to 80 °C and is also 

shown in Fig. 7 (c). A good agreement with the experimental 

data is observed and shows that at 80 °C there remain branched 

clusters of UPy groups that lead to strain hardening of UPy1. As 

a further observation we note that since our Pom-pom model 

fits the data over a range of strain-rates then the branch-points 

that exist must be stable over these timescales. We note that it 

is possible for individual branch-points to break and re-associate, but 

if there are sufficiently many of them then on average the material 

will behave as if it is branched, which the experimental data confirms 

is the case. 

 Using this method we have been able to successfully 

describe the rheological behaviour of the UPy functionalised 

PBd as a mixture of both linearly associated and branched 

assemblies, which result in a huge extension to the terminal 

relaxation time of the polymer, an increase in the plateau 

modulus of the polymer, and extensional strain hardening. Fig. 

8 displays a schematic of the self-assembled polymer structures 

formed by the UPy functionalised PBds. 

Conclusions 

Polybutadienes telechelically functionalised with the multiple-

hydrogen bonding UPy group were studied to determine the 

effect of functionalisation on the viscoelastic properties of the 

polymers. The terminal relaxation time of the functionalised 

polymers was extended by several orders of magnitude, driven 

by the assembly of the UPy groups. The temperature at which 

the terminal relaxation cross-over was observed at a frequency 

of 1 Hz was found to be between 80-100 °C for the three UPy 

functionalised polymers, regardless of molecular weight and 

chain microstructure, and was linked to dissociation of the UPy 

groups. The non-linear behaviour of UPy1 was investigated 

under extension and was found to strain harden across the 

extension rate range studied of 0.01 – 30 s-1. We found strain 

hardening would be expected at rates ≥ 2.3 s-1 through chain 

stretch for a linearly assembled polymer but not below. 

Therefore, we anticipated the assembly of a secondary 

structure by the UPy groups. SAXS confirmed the presence of 

small clusters of 2.5 nm in diameter for UPy1 and UPy2, but 

not UPy3. This was attributed to the lower concentration of UPy 

groups in UPy3, because of the longer polymer chain length. 

Because of this clustering we developed a constitutive model 

combining the Pom-Pom and Rolie-Poly models to fit the non-

linear extensional rheology of UPy1. We were able to use this 

model to characterise the system as a mixture of linear chains 

assembled by pair-pair UPy hydrogen bonding, and branched 

Fig. 8  Schematic of UPy assembled PBd. Green and purple chains show 

linearly assembled chains, blue and red shows a branched assembly of UPy 
groups (highlighted by circle).
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chains resulting from the formation of UPy clusters. The average 

cluster lifetime must be > 100 s, given the strain hardening at 

rates of 0.01 s-1. 
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